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This thesis reports the influence of carbon addition on the 6 
martensitic transformation and shape memory effect (SME) in Fe-Mn-Si 
based alloys.
At first, a critical review is given on the development, 
characteristics and the mechanism of shape memory in Fe-Mn-Si based 
alloys. Various effects on the alloys, such as annealing temperature, 
prestrain and deformation temperature, thermal and thermomechanical 
cycling on the 6 martensitic transformation and the SME are discussed. 
It is concluded that a high strength matrix and a low stacking fault 
energy are the essential conditions required to obtain a good shape 
memory effect for the Fe-Mn-Si base alloys.
The experimental work was carried out in two parts. In the first 
part, the effects of different carbon levels on the 8 martensitic 
transformation temperatures and 8 martensite morphology in Fe-20Mn-6Si 
alloys were examined by means of differential scanning calorimetry and 
optical microscopy. It was found that carbon strongly decreased the 
y->6 martensitic transformation temperature, Ms. The addition of
0.3wt% carbon was found to reduce the Ms temperature by up to 120K. 
The phase transformation hysteresis (As-Ms) increased with increasing
the carbon content. On the other hand, the 8 martensite plates or 
bands became thinner as the carbon content increased.
In the second part, four alloys with nearly the same Ms 
temperature were used to investigate the effects of carbon content on 
the shape memory effect in Fe-Mn-Si based alloys using compression
l
and/or bending deformation. All alloys containing carbon showed a 
higher shape recovery than that of the carbon -free alloy. An alloy 
containing 0.3wt%C alloy gave the best SHE. The shape recovery ratio 
was about 90% after 2% prestrain and 80% after 4% prestrain, 
respectively. Alloys containing carbon also showed a much improved 
thermomechanical training effect. After three repetitions of 3% 
prestrain and annealing at 873K, Fe-19Mn-6Si-0.3C alloy reached about 
97% shape recovery. Fe-17Mn-6Si-0.5C, a high carbon alloy ,showed 
about 3.3% recovery strain after four training cycles.
Thermal cycling and aging were performed in order to study the 
effects of carbide precipitation on the s martensitic transformation 
and SME. The reverse martensitic transformation temperature Af and the 
Vicker’s hardess increased with increasing thermal cycle number, but 
the amount of 8 thermal martensite decreased. This result suggests 
that carbon atoms can migrate to partial dislocations or stacking 
faults to form Cottrell atmospheres which restrict the 8— reverse 
transformation. It was also observed that a large amount of carbide 
precipitated at grain boundaries, degrading both the plastic 
properties of the alloy and the SME. From the practical viewpoint, the 
result indicate that an appropriate carbon addition to Fe-Mn-Si based 
alloys should be less than 0.5wt%.
Finally, a theoretical analysis was conducted to analyse the 
effect of carbon in Fe-Mn-Si based alloys. It is concluded that the 
carbon addition in Fe-Mn-Si alloys which have the same Ms temperatures 
can markedly strengthen the austenite, increase the driving force for 
the formation of s martensite, produce thinner 8 martensite plate and 
reduce the stacking fault energy indirectly by decreasing the
ii
manganese content. All of these effects are consistent with the 
observation that carbon can improve the SME of Fe-Mn-Si based alloys.
in
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1.1. INTRODUCTION
Following the development of NiTi and Cu-based shape memory 
alloys, Fe-based shape memory alloys have received considerable 
attention over the last decade. It is now known that many Fe- 
based alloys, such as Fe-Pt, Fe-Ni-Co-Ti, Fe-Ni-C and Fe-Mn-Si, 
exhibit a good shape memory effect (1). Among them, the Fe-Mn-Si 
based alloys are relatively inexpensive, have good workability, 
and have a commercial significance which has resulted in their 
application in industry.
Sato et al (2) first reported in 1982 a nearly complete shape 
memory effect in a single crystal of an Fe-30Mn-lSi alloy when 
it was deformed in a specific direction and at appropriate 
temperature. A few years later, Murakami et al (3) achieved a 
good shape memory effect in polycrystalline Fe-Mn-Si alloys by 
controlling the Mn and Si contents. They determined the optimum 
alloying composition range to be 28-34 wt%Mn and 4-6 wt%Si.
Since then, many reports have been made about the shape 
memory characteristics of Fe-Mn-Si alloys, for example, the 
effect of composition (4-8), the deformation behaviour (9-17), the 
effect of thermal and thermomechanical cycling (8,11,12,18-21), 
6 martensitic transformation and mechanisms (22-29).
In general, it has been accepted that an alloy which exhibits 
a shape memory effect shows thermoelastic transformation and 
has an ordered structure (30-32). However, results of earlier
1
studies (2,3) have shown that shape memory effect in Fe-Mn-Si 
alloys is entirely different from that of the usual shape memory 
alloys such as NiTi and Cu-based alloys in which thermoelastic 
martensite dominates the shape memory behaviour. The origin of the 
shape memory effect in Fe-Mn-Si alloys is related to a stress- 
induced non-thermoelastic 6 martensitic transformation and 
its reverse. Such a shape memory effect is solely attributable to the 
preferential motion of a particular type of Shockley partial 
dislocation. So that low stacking fault energy and high strength 
of the parent phase are the essential conditions to obtain good 
shape memory effect for Fe-Mn-Si alloys.
In the present review, recent developments in Fe- Mn-Si shape 
memory alloys are outlined. The first section covers the 
composition dependence of the shape memory effect (SME), 
deformation behaviour and various effects, such as annealing 
temperature, prestrain and deformation temperature, thermal and 
thermomechanical cycling on the martensitic transformation and 
SME. The second section relates to thermodynamics and 
crystallography of s martensitic transformation and possible 
mechanisms of the SME. In the last section further developments 
of Fe-Mn-Si SME alloys are discussed.
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1.2. SHAPE MEMORY EFFECT IN Fe-Mn-Si ALLOYS
1.2.1. The Fe-Mn-Si Ternary Phase Diagram
Despite the fact that suitable alloy compositions for shape 
memory properties now have been established experimentally, the phase 
diagram and the underlying thermodynamic behaviour of the Fe-Mn-Si 
system are not very well understood. As a reference, an research 
result for the liquidus projection of Fe-Mn-Si alloys is shown in








































u3 1020 L+(Fe,Mn)gSi=yFe+(Fe,Mn) 3Si
u4 L+(Fe,Mn)Si=P3+(Fe,Mn)5Si3
u5 L+P 3= (Fe ,Mn) 5Si 3+ (Fe ,Mn) 3Si
^6 L+(Si)=(Fe,Mn)Si2+(Fe,Mn)Sii 7
Pi 1120 L+pMn-tyMn=MngSi2
Ei 1125 L=(Fe/Mn)Si2+(Fe/Mn)Si1 7 3 +(Fe,Mn)Si
where p2 is Fe3Si, P 3 is Fe2Si, 0 is FeSi and cô  is FeSi2 33. Figure
1-2 shows some partial isotherms of solid phase equilibria in Fe-Mn-
Si alloys (33). Note that the area of Ype reduces as the temperature
decreases. Silicon tends to stabilize ferrite. Compared to the Fe-Mn 
binary system, the area of y  phase in the Fe-Mn-Si system 
significantly decreases as the content of silicon increases.
U.
• SI
Fig.1 -1 Proposed'- liquidus projection for Fa-Mn-Si system G3)
5
Fig.1-2 o^Fe/^Fe Boundaries in Fe-Mn-Si system 
a. 1 QOQ °C, b. 900 °C, c. 350 °C, d. 800 °C, e. 750 °C, f. 700 °C <3 3/
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1.2.2. Composition Dependence of SME
It is well known that alloy composition is a very important 
factor controlling martensitic transformation temperature (Ms) and 
hence the SME of shape memory alloys. In the Fe-Mn-Si system, 
however, alloy composition also affects another factor, a 
paramagnetic-anti ferromagnetic transformation temperature (Neel
temperature, T^). Below this temperature antiferromagnetic ordering 
takes place in y, leading to the stabilization of the y phase. As a 
result martensitic transformation is suppressed. For some conditions, 
even stress-induced martensitic transformation does not take place if 
is much higher than Ms, thus no SME is obtained.
Mn content controls the microstructures of the phase
transformation products and the Ms temperatures in the Fe-Mn-Si 
system. Research work on the Fe-Mn system has established that when 
an alloy contains less than 10% Mn or more than 15% Mn only a ’ or 8 
martensite is respectively presented on cooling. Both a' and 8 
martensites occur in alloys with 10% to 15% Mn, as Fig. 1-3 shows 
(34). For the Fe-Mn-Si system, Mn content should be more than 15% in 
order to avoid forming a f prime martensite since the admixture of the 
different kinds of martensite decreases the shape recovery.
With increasing Mn content of Fe-Mn-Si alloys, Ms temperature 
decreases whereas the Neel temperature (T^) rises, as shown in 
Fig. 1-4 (14). When becomes higher than Ms, the austenite is
stabilized against martensitic transformation. Under these 
conditions, the amount of 6 martensite first increases and then
7
decreases with increasing Mn content, showing a peak value at around 
17%Mn for the Fe-Mn system, as shown in Fig. 1-5 (31).
Silicon plays an important role in improving shape memory effect 
in the Fe-Mn-Si system. Figure 1-6 shows that Si can markedly reduce 
the Neel temperature of Fe-Mn alloy without changing the Ms 
temperature (6). Therefore, Si increases the driving force for y—>6 
transformation and makes the critical stress for the formation of 6 
martensite lower.
Si also strengthens austenite. A comparison of yield stress at 
200°C between Si-containing alloy and non-Si alloy reveals that the 
yield stress of an alloy with 6%Si is approximately 2.5 times as 
large as that of an alloy without Si, as Fig. 1-7 shows (6). The fact 
that the parent phase has high strength is favourable to the SME 
since the generation of dislocations during deformation is 
restrained.
The third beneficial effect of Si is that it is an important 
element to reduce the stacking fault energy and hence to hinder 
dislocations cross slip and climb. Furthermore, by comparing the SME 
of Fe-24Mn and Fe-24Mn-6Si alloys, it is found that Si can promote 
the reversible movement of partial dislocations during the reverse 
transformation (26).
These effects of Si give rise to the promotion of stress-induced 
y—>6 and reverse 6—>y transformation, so that a good shape memory 
effect can be expected. A suitable level of Si lies between 4%-6% for
8
Fe-Mn-Si alloys. Figure 1-8 shows the effects of Mn and Si contents 
on the magnitude of shape memory for the Fe-Mn-Si system.
Fig-1 -.s Amount of
transformation products in 
manganese steels air 
cooled from 100G9C. (34)
Fig.1-4 Effect of Mn
content on the Neel
Temperature and Ms. (35)
Fig.1 -5 Variation of the 8 
martensite VoL* with Mn 
content in the as-puenched 
state of Fe-Mn alloys. (14)
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Si  content (wt%)
Fig.1-6 Effect of Si
content on the Neel
temperature of Fe-30%Mn 
alloy. (6)
Fig.1-7 Effect of Si
content on the yield
stress (200 *C). (6)
Mn content (wt%)
Fig.1-8 Effect of Mn and 
Si contents on the 
magnitude of shape 




The deformation behaviour of Fe-Mn-Si alloys is different from 
the classical shape memory alloys which show a thermoelastic 
property. Figure 1-9 (2) shows a representative true stress-strain 
curve obtained at 333K ( about 30K below the Md temperature) for an 
Fe-30Mn-lSi single crystal, for which plastic deformation occurs 
exclusively by the y—>€ transformation. No obvious pseudoelastic 
behaviour is observed. Same stress-strain curves for polycrystalline 
Fe-31%Mn-6.5%Si alloy obtained at various temperatures are shown in 
Fig.1-10 (11).
It was found that composition affects deformation behaviour 
markedly. Figure l-ll[a] shows the stress-train curve of Fe-30.7%Mn- 
6.54Si alloy at 4.2K. Further addition of Mn up to 32.0% and reducing 
the Si down to 2.0%, results in quite different stress-strain 
behaviour, as shown in Fig. 1-11 [b] (4). In contrast to the smooth 
stress-strain curve of alloy A, large serrations are noted for alloy 
B, indicating that the y->6 transformation proceeds in bursts in this 
specimen. Such behaviour is not advantageous in obtaining a large 
SME.
Figure 1-12 (14) shows the temperature dependence of the yield
stress for Fe-30Mn-6Si(T <Ms), Fe-32Mn-6Si(T =Ms) and Fe-40Mn-N N
6Si(T^>Ms) alloys. In the former two alloys a positive temperature 
dependence of the yield stress is observed just below Ms, which shows 
the occurrence of stress-induced martensitic transformation. In the 
40Mn alloy the yield stress simply increases with decreasing 
temperature indicating that y phase is stable over the whole
11
Fig.1-9 True stress-true strain curves of Fe-30Mn-1Si alloy deformed at 
30K below the Hd temperature. (2)
Fig.1-10 Stress strain curves obtained by simple tensile tests. C11)
Fi.g.1 -11 Stress-strain 
curves obtained at 4.2 K 
for alloys A and B. (A)
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temperature range. In 30Mn the yield stress again shows negative 
temperature dependence below Ms. In 32Mn, however, no increase in the 
yield stress is observed at low temperatures. This suggests that the 
chemical driving force for martensitic transformation is not 
sufficient to induce spontaneous martensite formation but austenite 
remains unstable down to very low temperatures so that stress-induced 
transformation can take place over a very wide temperature range. 
This is a favourable condition for practical use.
Fig.1-12 Temperature dependence of the yield stress. (14)
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1.3. FACTORS INFLUENCING MARTENSITIC TRANSFORMATION AND SME
1.3.1. Annealing Temperature
There were two different research results about the influence of 
annealing temperature on SME of Fe-Mn-Si alloys. Figure 1-13 (14) 
shows only small improvement is accomplished by changing the heat 
treatment temperature for Fe-32Mn-6Si alloy. Although the heat 
treatments caused a variation in grain size from 20 to 200pm, no 
distinguishable difference was observed in the SME.
On the other hand, the opposite idea has been proposed that the 
heat treatment temperature is one of the most important factors which 
affects the SME, as shown in Fig.1-14[a] (18) for Fe-32Mn-5.5Si and 
Fig.1-14[b] (36) for Fe-29.5Mn-5.88Si alloys. Alloys annealed at 
lower and higher temperatures produced poor shape recovery. The cause 
was explained as follows: the as-hot rolled samples will usually be 
associated with incomplete recrystallization and will contain work 
hardened structures. When annealing is at a lower temperature, 
austenite still contains incompletely recrystallized structure, with 
dislocation jogs, loops and vacancy pairs which will hinder the 
movement of the Shockley partial dislocations, or stress-induced 
martensitic transformation and afterwards, the shape recovery. 
However, when annealing is at higher temperature, a more complete 
removal of the work hardened structure and coarse grain size make the 
austenitic matrix soft and promote deformation by conventional slip 
rather than by transformation. So a maximum shape recovery is 







Fig.1-13 Effect of annealing temperature on the SHE. (14)
2—j— i— »—i_t
soo '00 m  m  1300 ANfCAUNG TEMPERATURE, K
2Ì0 Q&9 gw iow
A t i n e a J j f i  T i ^ e n C S r s / c
Cb)
Fig.1 -14 Shape recovery as a function of annealing temperature.
a. Fe-32Mn-5.5Si (18) b. Fe-29.5Hn-5.88Si (36)
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1.3.2. Prestrain and Deformation Temperature
As mentioned previously, one of the challenging problems facing 
Fe-based shape memory alloys is the relatively low reversible strain, 
usually less than 2 pet, in contrast with over 6 pet in the NiTi and 
Cu-based alloys. It is therefore practically important to clarify 
the variation of recoverable strain as a function of prestrain.
Figure 1-15 (16) shows the effect of prestrain on the recovery 
strain and the permanent plastic strain of Fe-30Mn~6.5Si alloy. 
In the range of small prestrain, the recovery strain is larger than 
the permanent plastic strain, Sp, indicating that both the amount of 
stress-induced s martensite and the density of perfect dislocations 
increase with increasing prestrain, and the slip by Shockley partial 
dislocations predominates in the initial stage of deformation. 
However, while increasing prestrain, the permanent plastic strain 
increases much faster than the recovery strain, indicating that the 
stress-induced 8 martensite transformation tends to saturate easily. 
Further deformation is caused mainly by the slip of perfect 
dislocations.
Figure 1-16 (37) shows SE (superelasticity), SME, and RS 
(retained strain) as a function of prestrain for Fe-29Mn-5.5Si-4.5Cr- 
2.0Ni-3.5Co alloy (Ms«300K, Tj/»230K). It can be seen that a quite 
high net recoverable strain (over 5 pet in the case of 8 pet 
prestrain) is substantially available, despite the fact that only 
about 2 pet fully recoverable prestrain is presently obtained. In 
fact, many potential applications of shape memory alloys (pipe
16
joints, for example) mainly use actual or net reversible strain upon 
heating. A given reversible SME strain for a specific application (5 
pet , for example) can be met by properly choosing an applied 
prestrain (7.5 pet in the case of Fig. 1-16[b]), accompanied by a 
certain amount of reversible SE strain (1.2 pet in Fig.1-16[b]) and 
retained strain (1.3 pet in Fig.161-[b]). So, the incomplete recovery 
is still useful for shape memory parts which only require a one-time 
shape recovery.
It must be mentioned that the Af temperature is strongly 
dependent on the prestrain as shown in Fig.1-17 (17). Af increases 
with increasing prestrain, indicating the backward movement of 
Shockley partial dislocations is obstructed and needs a higher 
chemical driving force (higher temperature). However, it is still not 
clear wheher perfect dislocations (16) or intersecting 8 martensite 
plates(17) produced by deformation hinder the movement of partial 
dislocation.
It has been established that in order to achieve a good SME for 
Fe-Mn-Si alloys, choosing a suitable prestrain temperature is very 
important. Figure 1-18 (10) shows the optimum prestrain temperature 
is a little higher than Ms and T^. This is because thermal martensite 
is unfavourable in the formation of stress-induced 8 martensite and 
anti ferromagnetism leads to the stabilization of the austenite.
On the contrary, later research indicated that better SME can 
be obtained when prestrain is applied at a temperature far below Ms 
and Tn for some Fe-Mn-Si alloys with Ms slightly higher than Tn - 
Fig. 1-16 shows the result. It is implied that the thermal s
17
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Fig.1-15 Effect Of pre-strain on £tr and £p. (16)
Fi.g.1 -1 6 Constituent
diagram showing the three 
components of strain as a 









Fig.1-17 Effect of pre-strain on As and Af. ̂  7)
Fig 1-13 Température dependences of SHE, yield stress and magnetic 
susceptibility for Fe-26.9Hn-3.4Si alloy. (10)
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martensite connot be simply treated as an obstacle to the stress 
induced martensitic transformation and SHE. For example, pre- 
exisiting 8 martensite with a preferred orientation will continuously 
grow because of the extra transformation driving force provided by 
the applied deformation; 8 martensite can be stress-induced under the 
influence of anti ferromagnetism (27); and the higher yield strength 
and the lower shear modulus of the matrix at lower temperature make 
the formation of new stress-induced martensite much easier (27).
Dependent on alloy composition, Fe-Mn-Si alloys appear to give a 
good SME over a wide deformation temperature range or a small range 
as shown in Fig.1-19 (24).
Fig.1-19 Influence of deformation temperature on the degree of SME 
measured by the recovery strain after 3% elongation.
JL Fe-21.4Mn-1.3Si, B. Fe-26:9Mn-3.4Si, C. Fe-26.3Mn-2.3Si,
D. Fe-3Q.7Mn-5.5Si, E. Fe-32.QMn-2.QSi (24)
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1.3.3. Thermal Cycling
The most important prerequisite for the occurrence of shape 
memory is the reversibility of a martensitic transformation in a 
suitable temperature range. The investigation of cycling through the 
complete temperature range on the subsequent transformation behaviour 
of Fe-Mn-Si alloys, not only provides further insight into the 
mechanism of martensitic transformation, but also is useful 
information for the practical use of the shape memory of such alloys.
Tsuzaki et al.(20) investigated the effect of thermal cycling on 
martensitic transformation in an Fe-24Mn-6Si shape memory alloy. When 
the thermal cycling was performed between 273K and 573K, micrographs 
taken from the same area of a specimen indicated that the number of s 
martensite plates increased with an increase in the number of thermal 
cycles and martensite plates formed in the same position where the 
martensite plates formed in the last forward transformation, i.e., 8 
martensite plates exhibited a good reproducibility. Figure 1-20 (20) 
shows the changes in Ms, As,and Af temperatures and the amount of 8 
martensite at 305k by thermal cycling between 305K and 573K. 
Although Ms temperature slightly decreased with increasing number of 
thermal cycles, the decrease was small compared with the case of Fe- 
24.4%Mn non shape memory alloy (60K after 7 thermal cycles) (39). On 
the other hand, As temperature was almost constant, while Af 
temperature was significantly increased by the thermal 
cycling.However, if the thermal cycling was performed with a higher 
upper peak temperature of 873K, the microstructural memory 
disappeared and the amount of 6 martensite at 305K and the As and Af 
temperatures were almost constant, whereas Ms temperature somewhat
21
decreased with increasing number of thermal cycles. Dislocations 
climbing and rearranging easily at higher temperature may be the main 
reason for the change.
Figure 1-21 (20) shows the change in 0.2% proof stress of 
austenite at 573K (above Af) with thermal cycling between 273K and 
573K and between 273K and 873K. In both of the thermal cycling tests, 
the strength of austenite significantly increased with increasing 
number of thermal cycles but was still small compared with that 
reported in an Fe-24.4%Mn non shape memory alloy (210 MPa). 
Transmission electron micrographs (20) showed that no significant 
increases in dislocation density occurred in the austenite after 
thermal cycling.
By means of positron annihilation measurements, Vanderveken (40) 
found that a defect structure is built with an increasing number of 
thermal cycles. This defect structure is more likely to favour the 
nucleation rate than the growth rate of martensite. The increasing 
amount of martensite with each thermal cycle is related to the 
increased nucleation rate.
The influence of thermal cycling on the SME of Fe-Mn-Si alloys 
is unfavourable as shown in Fig.1-22 (19). Deterioration in shape 
recovery can occur with increasing thermal cycles. The authors 
suggested that thermal cycling produces sessile lattice defects 
(dislocation, stacking faults) which impede the motion of the partial 
dislocations in the transformation interface. This is in 
contradiction with the result which thermal cycling increases the
22
amount of 8 martensite (20) (see Fig. 1-20) and therefore, this effect 
needs further investigation.
Number of Cycles
Fig.1 -20 Changes in Ms, As and AT temperatures and the amount of £ at 
305 K, after thermal cycling between 305K-5735L (20)
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Fig.1 -21 Change in the 0.2% proof stress of austenite at 573K, by thermal
cycling (20)
Fig.1-22 Stress-strain-temperature diagram showing the amount of strain
recovery as a function of cycling. (19)
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1.3.4. Thermal-Mechanical Training and Two-Way SME
For a practical application, the recovery strain of Fe-Mn-Si 
alloys is comparatively too small. Improving the SME of the alloys has 
been the major purpose of many investigations. Using thermal-
mechanical training is an effective way to increase the recovery 
strain of Fe-Mn-Si alloys at present.
Otsuka et al. (12) applied a thermomechanical treatment to a Fe- 
32Mn-6Si alloy which consists of the repetition of deformation by 2.5% 
and annealing at 873K for 10 minutes. After 5 training cycles complete 
SME is achieved as shown in Fig. 1-23. Wang et al. (21) obtained nearly 
the same result for Fe-25.6Mn-5.1Si-4.1Ni-1.8Co (wt%) alloy after
repeated cycles of 3% prestrain and annealing at 873K for 3 minutes, 
as shown in Fig. 1-24. Figure 1-25 (8) shows the temperature dependence 
of yield stress for Fe-20Mn-5Si-8Cr-5Ni alloy before and after
training. The critical stress for martensite formation is lowered and 
the critical stress for slip deformation is raised. That is, training 
has the following effects:
[1] it suppresses slip deformation.
[2] it generates martensite at low stress.
The effect of annealing temperature for Fe-32Mn-6Si alloy during 
training is shown in Fig.1-26 (12). Annealing at 873K is the most 
effective treatment for the improvement in SME. Yield stress tests
show that if annealing temperature is much lower than 873K, only 
effect [1] is obtainable and if it is much higher than 873K only 
effect [2] is obtainable.
25
Fig.1-23 Effect of training on SKE (12)
Fig.1-24 Effect of training on 
strain recovery- (21 )
Fig.1-25 Change of temperature dependence of yield stress on 
training (8)
The number of times of "training'
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Fig. 1-26 Effect cf 
annealing temperature 
during training on SHE. (12)
Extensive microstructural observations by optical and electron 
microscopy reveals (8,12,21) that some crystal defects produced by 
thermal- mechanical training cycles can act as 8 martensite nucleation 
site and therefore promote the kinetics of stress-induced y-»G 
martensitic transformation. On the other hand, the residual strains 
gradually accumulate in the matrix and thus the internal stress field 
builds up. This internal stress field will force 8 martensite plates 
to form in particular orientations. The formation of the stress- 
induced s martensite in domains may prevent intersection between 8 
martensite plates and thus reduce the stabilization of the deformed 
stress-induced 8 martensite.
It is generally considered that Fe-Mn-Si alloys only show a one­
way type of SME due to their non-thermoelastic martensitic 
transformation (2,4,24). However, recent research has discovered (17, 
41) that Fe-Mn-Si alloy containing suitable amounts of Mn and Si can 
exhibit an apparent two-way SME by thermal mechanical treatment. 
Figure 1-27 (17) shows the temperature dependence of shape change for 
Fe-29.4Mn-6.2Si alloy after repetition of deformation at 253-293K and 
annealing at 673K. The angular change was about 25 degrees when 
temperature changed from Ms(313K) to Mf(223K).
This result indicates that the movement of partial dislocations 
in some Fe-Mn-Si alloys is essentially reversible during the forward 
and reverse transformations. However, training will introduce perfect 
dislocations into austenite and thus hinder the movement of partial 
dislocations. So, the two-way SME of Fe-Mn-Si alloys is poor compared 
to NiTi and Cu-based alloys
27
Fig.1-27 Temperature dependence of specimen shape change (angle cD (17)
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1.4. MARTENSITIC TRANSFORMATION AND MECHANISM OF SME IN
Fe-Mn-Si ALLOYS
1.4.1. Thermodynamics of s Martesitic Transformation
Due to lack of the interaction parameters among Fe, Mn and Si, 
Murakami et al. (22) assumed that the contribution of Si to the free 
energy difference between y and e phase is limited to the change in 
the magnetic term, and moreover this magnetic contribution only takes 
y phase into account. Using a regular solution model, they expressed 
the difference in free energy for y to 8 phase transformation in Fe- 
Mn-Si alloy as follows:
AG^pe-Mn-Si25 XpeA°Gr->epe+ ^Mn^G7 ĵn+ XpeXMnA0T + ^AG
(1-1)
Where A°Gi is the difference in free energy at a certain temperature, 
Xi is the atomic fraction for each element, A0T̂ epe-j,jj1 is the 
difference in excess free energies between y and 8 phase and ^ A G  is 
the difference in free energy between the paramagnetic and
antiferromagnetic y phase.
Typical results of calculations for Fe-30Mn-6Si alloy along with 
Fe-30Mn are presented in Fig.1-28 (22). The driving force for
martensitic transformation is significantly increased by an addition 
of silicon, leading to the promotion of martensitic transformation and 
a good SME.
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By adopting previous thermodynamic data of the Fe-Mn, Fe-Si and 
Mn-Si binary systems and assessing the experimental information on 
ternary alloys, Forsberg et al (42) obtained a reasonable model for 
calculating the phase diagram of the Fe-Mn-Si system, especially at 
low temperatures and for y—>6 martensitic transformation. They applied 
a substitutional solution model based on a random mixture of Fe, Mn 
and Si atoms and considered the interaction parameters among Fe, Mn 
and Si. For the liquid phase, the integral Gibbs energy is expressed 
as follow:
where EGliq is the excess Gibbs energy, which is expressed by means of 
a polynomial,
where L represents interaction parameters. The solid solution phases 
fee, bcc, aMn, pMn and 6 phase are represented by means of the same 
thermodynamic model as the liquid phase, except that a magnetic term,
Gliq = XfeGliq + X^G11̂  + XsiGliq
+ RT(XpelnXpe + X^lnX^ + XsilnXsi) + EGliq (1-2)
(1-3)
^  is added when there is a magnetic contribution. Moreover, only 
one ternary interaction parameter is used:
E.'<3m " xFeXMnLFe,Mn + ^ e ^ i ^ e ^ i  + xMnXSiI14n,Si
30
" XFexMnLFe,Mn + xFexSiLFe,Si + ^ W ^ i ^ ^ S i  
+ XFeXMnxS i ̂ Fe,Mn,S i (1-4)
They further assumed that the driving force needed to start the 
martensitic transformation is independent of temperature and 
composition. The Ms temperature is thus given by the following 
condition:
By the experimentally determined Ms, it was found that the quantity
a comparison between calculated and experimental Ms temperatures is 
given in Fig.1-29. When taking into account the experimental scatter 
in these quantities, the calculations are considered to be 
satisfactory. However the agreement is less satisfactory at high Mn 
content. This may be due to a less satisfactory description of the 
magnetic properties for the fee phase in both the binary Fe-Mn system 
and the ternary Fe-Mn-Si system. This aspect needs to be further
(1-5)












Fig.1-23 Temperature dependence of ¿GCfcc— hep) for Fe-30Mn and Fe- 
3QMn-oSi alloys. (22)
Fig 1 -29 Effect of Mn and Si on the Ms temperature, comparison between 
experimental (points) and calculated data (line). (42)
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1.4.2. Crystallography of y->6 Martensitic Transformation
It was in 1929 that 8 martensite was found in Fe-Mn alloys (43). 
The optical microstructure of s martensite appears acicular shaped 
(the true form is plate like) and adjacent to each other. The crystal 
structure of 6 martensite is hep, and it is formed parallel to {111} 
austenite planes.
As a result of more recent research it has been found that the 
y—> £ transformation is often accompanied by the y—XX' (body-centrered 
cubic) or 8—XX' transformation, depending on the composition and 
transformation temperature (44,45,46). A mixture of s and <x* 
martensite is also observed after deformation and by cooling to low 
temperature(47,48). On heating, the a ’ formed by e-xx’ transformation 
does not revert to the 8 phase but transforms to austenite (49).
A large amount of work on the y(fcc) to 8(hep) martensitic 
transformation mechanism has been carried out. Models can be divided 
into two types: one type is based on the postulate that 
multiplication of partial dislocations occurs on every other plane to 
form the hep phase directly. This is called the pole mechanism 
proposed by Seeger et al (50,51). The other type is based on the 
proposal that, under certain conditions, a group of perfect 
dislocations in the fee phase splits into Shockley partial 
dislocations and move on every other close-packed plane to form a thin 
s plate. This is called the stacking fault mechanism proposed first by 
Christian et al (52,53). Recently, both mechanisms have been applied
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to explain the 8 martensitic transformation and SME in Fe-Mn-Si alloys 
(24, 25, 29).
a. Pole Mechanism
Seeger et al (50) supposed that a perfect dislocation (a/2)[110] 
lying in the (111) plane of a parent fee crystal can dissociate into 
two partials, a: (a/6)[121] and P; (a/6)[211], i.e.,
a/2[110]— a/6[121]+a/6[211]
These partials form a node at 0 and intersect with dislocations y and 
5, which have Burgers vectors of a/2[211] and a/2[121], respectively, 




In such a case, if the partial dislocation a rotates clockwise about 
dislocation y, it can be displaced upward by 2a/3[lll], that is, it 
climbs two atomic layers. Repeating such a rotation causes the upper 
part of the (111) plane to be transformed to the hep structure. Here, 
y is called a pole dislocation and a a sweeping dislocation. If 5 and 
P operate as the pole and sweeping dislocations, respectively, and P 
rotates counter-clockwise about 6, then the lower part changes to the 
hep structure.
Fig.1-30 Illustration of operation of a pole mechanism for the fee— hcc 
transformation (50)
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b. Stacking Fault Mechanism
Li et al (29) suggested that the pole mechanism is applicable to 
alloys with high stacking fault energy. However, for the low stacking 
fault energy alloys, only the stacking fault mechanism is feasible on 
the basis of a consideration of thermodynamic data. The hep 
martensitic transformation via stacking faults can be described in 
three steps (53): i) the formation of wide stacking faults; for 
example, a perfect dislocation on a {111} plane with a Burgers vector 
1/2<110> is easily split into two 1/6<211> type Shockley partial 
dislocations in alloys with low stacking fault energy:
1/2[101] -> 1/6[211] + 1/6[112]
ii) irregular overlapping of wide stacking faults, i.e., the stacking 
faults are irregularly formed on {111} slip planes in the fee matrix 
at first and then further stacking faults are easily induced on {111} 
planes near the original fault planes in order to minimize both the 
bulk free energy and the total energy of stacking faults, iii) regular 
overlapping of wide stacking faults on every second layer of {111} 
slip planes, and forming hep martensite. This is schematically shown 
in Fig.1-31.
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I Formation of wide stacking fault. I ll Regular overlapping of wide stacking faults. 
Stacking fault on (! 11 Jfcc
hCDStructure





Fig.1-31 Schematic drawing of stacking fault mechanism for hep 
martensite formation from fee parent phase (29)
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1.4.3. Mechanisms of the SME
Figure 1-32 shows a schematic drawing of the atomic arrangement 
and shear directions involved in slip and fcc(y)-»hcp(s)
transformation proposed by Sato et al (2, 24). There are three 
Shockley partial dislocations with Burgers vector a/6<112> on a 
primary shear plane {111}. When a undirectional stress is applied 
along the [414] direction below the Md temperature, the partial 
dislocations with b=Ba operate predominantly to induce the y—>6 
transformation and to elongate the crystal along the tensile 
direction. By the subsequent annealing above the As temperature, these 
partial dislocations produce reverse movement and complete s—>y 
transformation and SME.
According to the analysis of the thermally activated dislocation 
motion, it is suggested that the density of the Ba dislocations active
4during recovery must be 10 times greater than the other aC and aD 
dislocations (27). This implies that the Ba partial dislocations must 
be multiplied during the stress-induced transformation. In-situ 
observation by a high voltage electron microscope has clarified that 
the 2a/3(lll) dislocation plays the role of a pole dislocation and 
multiplies a/6(112) partial dislocations. If no other defects
accompany with multiplication of the a/6(112) dislocations, then about 
100% SME can be obtained by heating.
Maki et al (26) found that the reversible movement of Shockley 
partial dislocations during forward and reverse transformation occurs 
in Fe-Mn-Si alloys but not in Fe-Mn binary alloys. Since three
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a/6<112> type partial dislocations are equivalently possible to move 
on {111}T for the transformation, a special condition must be met for 
the reversible movement of one of the above three dislocations. One 
possible explanation is the existence of internal stress as shown in 
Fig. 1-33. A backward movement of the partial dislocations which 
operated in the forward transformation may be assisted by the back 
stress caused from the martensitic transformation. If plastic 
accommodation takes place in the austenite around its tip of the s 
band, the back stress decreases. The solution hardening of austenite 
by Si may restrict the plastic accommodation. In the case of Fe-Mn non 
shape memory alloys, the stress due to transformation strain is easily 
accommodated by local slip because of the low yield strength of 
austenite.
As is generally known, the movement of dislocations is 
irreversible, that is, the dislocation movement accompanying usual 
slip deformation in alloys cannot be reversed. However, when the 
moving dislocations are Shockley partials which contain a stacking 
fault between them, slip deformation is almost impossible because the 
Shockley partial dislocation can slip only on the {lll}fcc plane where 
it is located and is difficult for it to recombine for cross slip due 
to the low stacking fault energy. This means that the route of the 
forward and backward movement of a Shockley partial dislocation is 
unique on a {llljfcc plane. According to this mechanism, Li et al (29) 
suggested that when deformation occurs, the applied stress will force 
Shockley partial dislocations to extend moving widely on the {111}fcc 
plane. Strain-induced 8 martensite forms with a preferred orientation. 
Meanwhile the shape is changed. When temperature increases, because of 
the increase of stacking fault energy and the driving force for the
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reverse transformation, the extended Shockley partial dislocations 
move back uniquely along the path they took in extension. Martensite 
transforms back to austenite and the shape change is recovered. 
Because the stacking fault energy decreases as temperature decreases 
in face-centred cubic-hexagonal close packed martensitic 
transformation, a better SME will be obtained if the deformation is 




”32 Schematic illustration of the shear directions on the primary 
(111) shear plana a©, aCC and 3D are Shockley partiais and 43 is the 
primary shear direction under the tensile stress along [4141 whose 
projection is shown by a arrow. (2)




(a) tow strength austenite (b) high strength austenite
( Fe-Mn alloys ) ( Fe-Mn-Si alleys )
Fig.1-33 Schematic drawing of the austenite structures around a tip of 
the stress-induced £ martensite plate. (26)
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1.5. Further Development of Fe-Mn-Si Shape Memory Alloys
It can be concluded that the SME of Fe-Mn-Si alloys is governed 
by the stress-induced 6 martensitic transformation and its reverse. 
Two prerequisite conditions must be met in order to obtain a complete 
shape memory effect: i) shape change can only be produced by stress- 
induced martensitic transformation without accompanying permanent slip 
deformation; ii) the reverse transformation on heating must be 
performed by a backward movement of the partial dislocations having 
operated in the forward transformation. It is apparent that the 
intrusion of permanent slip in austenite during a shape change depends 
on the strength of austenite. On the other hand, low stacking fault 
energy is also favorable for martensitic transformation and its 
reverse.
Solution hardening is a well known effective way to strengthen 
austenite. Remarkable progress has recently been achieved by adding 
Cr, Ni, and Co to Fe-Mn-Si alloys (8,17,21,37,54). For exanple, the 
alloying composition range of 7-15%Cr, <10%Ni, <15%Mn, <7%Si and 0- 
15%Co can be associated with complete SME if the deformation does not 
exceed 4% strain (54). Another advantage of these alloy is that the 
corrosion-resistance can be as high as a stainless steel. But the 
shortcoming is high production cost.
Applying microalloying principles, Li et al (55) added small 
amount of Nb(0.05%) and C(0.04%) to Fe-32Mn-6Si alloy in order to 
increase the matrix yield strength by forming very fine carbides for 
improving the SME. The result is shown in Fig.1-34. The SME of the
k2
aged specimen is higher than that of the quenched one for strains 
lower than about 2%.
Tsuzuki et al (56) reported that the SME is markedly improved by 
the addition of carbon. Figure 1-35 shows the degree of shape recovery 
against the tensile prestrain at room temperature for the conventional 
Fe-33Mn-6Si and a newly developed Fe-17Mn-6Si-0.3C alloy. Figure 1-36 
shows the Fe-17Mn-6Si-0.3C alloy has a large recoverable strain of 
3.6% after only one training treatment.
Carbon is in common use as an interstitial hardening element for 
Fe-Mn alloys. The effect of carbon content on the yield strength of 
Fe-13Mn alloy is shown in Fig. 1-37 (57). Small amounts of carbon can 
significantly raise the yield strength of Fe-Mn alloy. The effect of 
carbon content on the martesitic transformation of Fe-Mn alloys is 
twofold (58). First, carbon depresses the Neel temperature like Si, 
which is beneficial to 6 martensitic transformation. Second, carbon 
also stabilizes y phase against the 6 martensitic transformation by 
depressing the Ms temperature more than the Neel temperature. 
Therefore , it may be expected that strong stabilization of y phase 
will occur on addition of carbon. Figure 1-38 shows the variation of 
Ms temperature with carbon and manganese content. Furthermore, a 
certain limiting concentration of carbon is also most effective in 
lowering the stacking fault energy of manganese austenite, as Fig.1-39 
shown (59).
To sum up, carbon may be a effective element to improve the SME 
of Fe-Mn-Si alloys, but up to the present, few investigations have 

























carbon on martensitic transformation and the SME was the major 
objective of the work reported in this thesis.
Plastic Strain, %
Fig.1-34 SME results of 
various heat-treated





quenched, b. aged at 700 
cC, c. aged at 800 cC. (5 5)
Fig*17n35 Chan9e in the degree of . shape recovery with increasing the 
tensile pre-strain at room temperature. (56)











. r T *
P  I 0
O
— —



















Fig.1 -37 Variation of yield strength with carbon content for austenite 
manganese steel. *5/)
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Fig."-38 Variation of Ms temperature with carbon and manganese contents (57)
0  0 - 2  0 4  0 - 6  0 - 8  1 - 0  1 - 2
m. % c
Fig. 1-39 Dependence of stacking fault energy of Fe-Mn-C alloys on 
carbon content (at - 60 °C). (59)
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2.1. THE DESIGN OP ALLOY COMPOSITION
Earlier research work has indicated that the y—>6 transformation 
is only observed for alloys containing more than 16% manganese in 
Fe-Mn system, or the alloys containing about 0.5% carbon and more 
than 13-14% manganese in the Fe-Mn-C system (60). On the other hand, 
although silicon is a ferrite stabilizing element, it has a strong 
influence on the y—>6 transformation by lowering the stacking fault 
energy (61). To obtain a good SME, the amount of silicon content range 
should be between 4~6.5% (3). According to the above results, the 
following alloys (Table 1) were prepared to measure the effect of 
carbon on martensitic transformation of the Fe-Mn-Si system
Table 1. Compositions of A Series Alloys (wt.%)
Alloy Fe Mn Si C
Al bal. 20 6 -
A2 bal. 20 6 0.1
A3 bal. 20 6 0.3
A4 bal. 20 6 0.5
Since the shape memory effect of Fe-Mn-Si alloys depends mainly 
on stress-induced martensitic transformation, it is necessary for 
different alloys to have nearly the same Ms temperature to compare the 
SME. From the transformation temperature results for the alloys in 
Table 1, the alloys listed in Table 2 were prepared.
k7
Table 2 Compositions of B Series Alloys and Their
Ms Temperature
Alloy Fe Mn Si C (wt%) Ms (K)
B1 bal. 34 6 - 278
B2 bal. 28 6 0.1 277
B3 bal. 19 6 0.3 282
B4 bal. 17 6 0.5 278
2.2. SPECIMENS PREPARATION
Alloys were melted in an arc furnace in an argon gas atmosphere. 
After homogenizing at 1373K for 165ks, ingots were hot-rolled into 
plates with a thickness of about 2mm, then cut and machined into 
plate-shaped specimens. Some plates were further warm-rolled into 
sheets with a thickness of 0.5nm for bending deformation.
All heat treatments were carried out in an argon gas atmosphere 
except for the aging treatments which were conducted in a salt bath. 
Specimens were annealed at different temperatures for 600s followed by 
a water quench.
Tensile tests were conducted at room temperature using an
-4 -1Instrontesting machine with a strain rate of 1.2x10 s . The size of
tensile specimens is shown in Fig.2-1. The hardness was measured by 
the Vicker's hardness method (20kg).
2.3. MEASURMENT OF PHASE TRANSFORMATION TEMPERATURES
The phase transformation temperatures were measured with a 
Metters TA300 differential scanning calorimetry (DSC). Specimens were 
protected by argon gas and a heating or cooling rate of 10°C/min was 
used for the standard DSC testing. Figure 2-2 shows the typical DSC 
heating and cooling curves. The onset temperature, which is obtained 
by extrapolation, is the starting temperature of the phase 
transformation. In addition, the temperature at which phase 
transformation finishes in heating was also estimated using the same 
method.
2.4. MICROSTRUCTURE OBSERVATION
Optical microscopic examination was performed with a Nikon type 
microscope. Specimens were electrolytically polished in 10ml 
perchloric acid and 100ml glacial acetic acid solution and then etched 
with a solution of lg picric acid + 5ml HC1 + 100ml ethanol or 1.5g 
CuCl2 + 33ml HC1 + 33ml ethanol + 33ml distilled water. Specimens for 
transmission electron microscopy examination were electropolished 
using a twin-jet polisher in 5% perchloric acid and 95% glacial acetic 
acid solution at room temperature. Foils were observed using a JEOL 
2000FX transmission electron microscope at 200 kV.
2.5. MEASURMENT OF SME
The SME was measured by bend testing. Specimens were bent around 
a rod at ambient temperature, as shown in Fig.2-3. The prestrain is 
estimated approximately by Sp=t/d, and the recovery fraction of 
elastic strain and the SME were measured respectively by the following 
relativeship,
where 0e is the elasticity recovery angle (degrees) after unloading; 
0m the recovered angle (degrees) after heating above Af; 0r the 
residual angle (degrees) after heating above Af.
Shape recovery testing was also performed by compressive 
deformation (or reduction) using a rolling mill. Sample is shown 
schematically in fig.2-4, where t0 is the original thickness of the 
specimen, t^ is the thickness after compression and the thickness 
after heating. The shape recovery fraction of the specimen is 
calculated by
f e=0e/9O (2-1)












Fig.2-1 The dimensions of the tensil specimen.
j_______________ i_______________ !_______________ !_______________L
Temperature -----
Fig.2-2 Typical DSC curves.
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^9-2-3 Schematic illustration of bend test used for measuring 
the prestrain, SHE, and elastic recovery.




3.1. EFFECT OF CARBON ON MARTENSITIC TRANSFORMATION OF
Fe-Mn- Si ALLOYS
Specimens of alloys Al, A2, A3 and A4 were annealed at 1173K for 
600s followed by water quenching. DSC measurements were conducted to 
determine the martensitic transformation temperatures of the alloys. 
The Ms temperatures as a function of carbon content are shown in Fig. 
3-1. It should be noted from the figure that there is a strong 
dependence of Ms temperature on carbon content in Fe-Mn-Si alloys. The 
addition of 0.3wt% carbon can reduce the Ms temperature by up to 120K. 
However, further increasing the addition of carbon, only a slight 
dependence is observed. Figure 3-2 shows the As temperatures of the 
alloys as a function of carbon. A minimum As temperature was obtained 
at about 0.3% carbon content. Using As-Ms as a measure of the 
hysteresis of phase transformation, Figure 3-3 indicates that the 
hysteresis increases with increasing carbon content.
Figure 3-4 shows the optical microstructures of specimens of 
different carbon contents. The carbon-free specimen (Fig.3-4(a)) shows 
the typical sheet-like e martensite. As the carbon content increases, 








Fig.3-1 Effect of carbon content on the Ms temperature J3f 
Fe-2Q%Mn-oSSi alloy














Fiç.3-3 'Effecfc of carbon content on the hystérésis of phase 
transformation of Fe-20%Hn-6joSi alloy
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CaJ A1 Ob) A2
(c) A3 (d) A4
Fig.3-4 Effect of carbon content on the optical microstructures of 
Fe-20%Mn-c£Si alloy( cooled to 77X ).
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3.2. EFFECT OF ANNEALING TEMPERATURE ON SME
The purpose of annealing of alloys after hot or cold rolling is 
to remove incomplete recrystallization and excess defects and to 
obtain a uniform austenite. Generally, maximum shape recovery can be 
achieved for Fe-Mn-Si alloy after annealing at an intermediate 
temperature of about 873K. When adding carbon to Fe-Mn-Si alloy, a 
carbide, (FeMn)3C, may be formed. Because silicon does not readily 
form carbide in iron alloys, the ternary diagram of Fe-Mn-C alloy can 
be used as a reference to determine the compositions and temperatures 
over which the carbide exists. Figure 3-5 shows isothermal sections of 
the Fe-Mn-C system at 873K (Fig.3-5(a)) and at 1073K (Fig.3-5(b)) 
(62). It can be seen that alloy B4 can have a Y+M3C two-phase region 
at 873K while uniform austenite is obtained at 1073K. The presence of 
carbide can hinder the recrystallization of alloys after hot rolling. 
On the other hand, in order to obtain a uniform austenite, alloys have 
to be annealed at high temperature.
Figure 3-6 shows the elastic and shape recoveries of alloys B1 
and B4 as a function of annealing temperature after a bending strain 
of 2%, and Fig.3-7 shows the shape recovery of alloys B2 and B3 as a 
function of annealing temperature after a bending deformation of 2%. 
It is clear from the results that when the carbon level is equal to or 
below 0.3%, the maximum shape recovery still can be obtained after 
annealing at 873K. When the alloy contains 0.5% carbon , the annealing 






























































/ * y V, l
!— Graa nite+X
------ ______J
/ r ) K______1
h C J 1
/
M 1




(d-Mn)- 1 __ \
-------------:-------- 1 - r “






















Fig.3-6 Elastic and shape recoveries of alloys 81 and 34 









Fig.3-7 Shape recovery of alloys B2 and B3 as a function 
of annealing temperature
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A comparison of the optical microstructures of alloys B1 and B4 
is shown in Fig.3-8. When annealing at a low temperature (773K), the 
recrystallization of both alloys was incomplete. A large amount of 
strain structure was retained and the elastic strain recovery of 
alloys after bending deformation was also relatively large. When 
annealed at 873K, alloy B1 were completely recrystallized but alloy 
B4 still contained many carbide particles. After annealing at 1023K, 











Fig.3-8 Optical microstructures of alloys B1 (a) and B4 (b) 
after annealing at different temperatures.
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3.3. EFFECT OF PRESTRAIN
Specimens were deformed by rolling at 298K to various amount of 
prestrain. The results for shape recovery as a function of prestrain 
are shown in Fig.3-9. All the specimens containing carbon showed a 
higher shape recovery than that of the carbon-free alloy. The alloy 
containing 0.3% carbon showed 90% shape recovery after 2% prestrain 
and about 80% after 4% prestrain. Generally, the percentage of shape 
recovery was only about 70-80% in Fe-Mn-Si based alloys after 2% 
prestrain (16,17,29,37,56).
Table 3-1 lists the 0.2% proof stresses of alloys Bl, B2, B3 and 
B4 deformed in tension at 298K. Since the deformation temperature lies 
just above the Ms temperatures of these alloys, the yield stress can 
be regarded as the critical stress for E martensite formation. For 
alloys deformed under the same conditions, the lower the critical 
stress for martensite formation, the greater the amount of stress- 
induced martensite that can be obtained for a particular level.
Table 3-1 0.2% Proof Stresses at 298K for the B Series Alloys
Alloy Bl B2 B3 B4
Yield Stress 
(MPa)
376 363 354 392
Figure 3-10 shows optical microstructures of stress-induced 8 












deformation. It is notable that alloy B3 shows much more stress- 
induced s martensite than the other alloys. The plates of martensite 
appear exceedingly dense and thin.
Pres train, %
Shape recovery as a function of prestrain
Fig.3-10 Stress-induced £ martensite after 3% deformation
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3.4. EFFECT OF THERMAL CYCLING
Figure 3-11 shows the changes in Ms, As and Af temperatures of 
alloy B1 after thermal cycling between 173K and 673K. The As 
temperature is almost constant, whereas Ms temperature slightly 
decreases and Af temperature slightly increases with increasing number 
of thermal cycles. This result is consistent with that reported by 
Tsuzaki et al (20) in Fe-24%Mn-6%Si alloy.
Figure 3-12 shows the changes in Ms, As and Af temperatures of 
alloy B3 by thermal cycling between 173K and 673K. The changes in Ms 
and As are similar to that for alloy Bl, except that the Af 
temperature slightly increased with thermal cycles.
Figure 3-13 shows the changes of peak areas measured by DSC 
during heating for alloys Bl, B3 and B4, respectively. According to 
the various theories on DSC/DTA, the area under the peak is 
proportional to the heat of reaction or transformation (63), that is
AHm=KA (3-1)
where A h is the heat of transformation ( or reaction ), m the mass of 
reactive sample, K the calibration coefficient, and A the curve peak 
area. For the same measuring conditions, the change of the peak area 
is only dependent on the amount of transformation product. So the 
peak area of the DSC curve on heating can be regarded as proportional 
to the amount of reverse transformation of 8 martensite to austenite. 
It is noted from the figure, the extent of reverse transformation for 



































.3-11 Changes in Ms, As, and Af temperatures of alloy 
■31 with thermal cycling between 173K and 673K
Number of Cycles
Fig.3-12 Changes in Ms, As, and Af temperatures of alloy 
33 with thermal cycling between 173X and 573X
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Fig.3-13 Changes of peak area in alloys 31, 33 and 34 
by the thermal cycling between 173K and 573K
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as reported by Tsuzaki in Fe-24Mn-6Si alloy (20). In contrast, the 
amount of reversion for alloy B3 first increased and then slightly 
decreased with thermal cycling, indicating phase transformation is 
stabilized. The reverse transformation of the high carbon alloy B4 was 
considerably reduced even after the first thermal cycle.
Figure 3-14 gives the changes in Vicker’s hardness at 298K for 
alloys B1 and B3 after thermal cycling between 77K and 673K. The 
hardness of alloy B1 decreased while the hardness of alloy B3 
increased immediately then fell slightly on subsequent thermal 
cycling. These data are similar to the results of investigations on 
Fe-Mn-C alloys (64).
Figure 3-15 shows the changes in SME monitored by bending test 
for alloys B1 and B3 on thermal cycling between 77K and 673K. 
Although the reverse transformation was decreased by thermal cycling, 

























^¿9-3-14 Changes of the Vicker's hardness at 298K in
alloys 31 and 33 on thermal cycling between 
77X and S73K
Number of Cycle
rig.3-1 5 Changes of the shape recovery of alloys 31 and 
33 .on thermal cycling between 77X and 673X
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3.5. EFFECT OF THERMAL-MECHANICAL TRAINING
Tsuzaki et al. (56) reported that Fe-17Mn-6Si-0.3C alloy 
responded well to a training treatment and showed a complete shape 
memory effect after two training cycles involving 2.5% tensile strain 
at room temperature. In the present study, a good result for Fe-Mn-Si- 
C alloys was also obtained.
Figure 3-16 shows the effect of training on the shape recovery of 
alloys Bl, B2 and B3. Specimens were deformed by 3% reduction at room 
temperature and annealed at 873K for 600s. It is clear that both 
alloys B2 and B3 demonstrated a better training response than alloy Bl 
and alloy B3 produced the best result with the shape recovery reaching 
about 97% after three training cycles. Figure 3-17 indicates the 
effect of training on the shape recovery of alloys Bl, B2, B3 and B4 
for 4% compressive reduction. All alloys containing carbon showed much 
higher shape recovery than that of carbon-free alloy even after 
considerable deformation. The percentage of shape recovery for alloy 
B4 was about 82%, equivalent to a strain recovery of about 3.3%.
Figure 3-18 shows the changes of peak areas in DSC curves for the 
reverse transformation of stress-induced martensite in alloys Bl and 
B3 for 3% compressive reduction at room temperature and annealed at 
873K for 600s. Demonstrating a striking contrast with the normal 
thermal cycling, the peak area which is related to the amount of 
stress-induced 6 martensite, increased remarkably for alloy B3 on 
training whilst only a slight increase occurred in alloy Bl. The small 
high temperature recovery peak area is liable to arise from ot—>y 
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Fig.3-17 Effect of training on the shape recovery tor 














Fig.3-18 Changes of peak area in alloys B1 and B3 
with training
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peak area for alloy B1 increased slightly with training cycle, whilst 
the small peak area of alloy B3 was nearly unchanged.
Figure 3-19 shows the TEM morphology of stress-induced martensite 
in alloys B1 and B3 for 3% training train. A large amount of thin 
stress-induced 6 martensite was found in alloy B3.
Figure 3-20 records the effect of annealing temperature on 
training treatment for alloy B4 and indicates that a higher annealing 
temperature is needed in order to obtain good SME. This result implies 
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Fig.3-20 Effect of annealing temperature on training 
response of alloy B4
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3.6. EFFECT OF AGING
In order to understand the effects due to the presence of 
carbides on the SHE, aging was carried out. Figure 3-21 shows the 
changes of shape recovery by bending test of alloys Bl, B2 and B3 
after aging at 673K. Since the shape recovery of alloys B2 and B3 
remain superior to that of alloy Bl it is evident that the effect of 
carbide precipitation in alloys B2 and B3 can be neglected. The reason 
that aging reducing the SME of alloy Bl is not clear and probably 
relates to the decrease of Ms temperature by aging (19). On the other 
hand, aging seriously degraded the SME of alloy B4 which contains 
0.5% carbon. Specimens of alloy B4 fractured during the bend test. 
Figure 3-22 gives the microstructure of alloy B4 after aging for 7500s 
at 673K. Precipitates at grain boundaries are evident and are likely 
to be the cause of the brittle fracture of alloy B4.
Fig.3 21 Changes of shape recovery of alloys 31, B2 and 
33 after aging at 673K by 2% prestrain
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Fig.3-22 Optical microstructure of alloy B4 after aging at 673K
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4. D i s c u s s i o n
As is well known, the SME in Fe-Mn-Si based alloys is governed by 
a non-thermoelastic martensitic transformation. It is very important 
for the matrix to have a high yield strength in order to suppress 
permanent slip during stress-induced y—»6 transformation. Exploring 
the ways of strengthening austenite will be the key to further develop 
Fe-Mn based shape memory alloys (26). In earlier studies on Fe-Mn-C 
based alloys (57), it has been demonstrated that Mn content has little 
effect on the yield strength and Ni decreases the yield strength 
slightly. On the other hand, 1% chromium addition raises the yield 
strength of austenite by about 16 MPa. Furthermore, carbon can 
increase the yield strength by 30 MPa per 0.1wt% addition. It is clear 
that carbon is the one of the most effective elements for 
strengthening austenite. Thus, a much higher yield strength of the 
austenite can be expected for the alloys B2, B3 and B4 compared with 
that of the normal Fe-Mn-Si alloy Bl.
4.1. EFFECT OF CARBON ON THE AUSTENITE STRENGTH OF Fe-Mn-Si ALLOYS
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4.2. EFFECT OF CARBON ON 8 MARTENSITIC TRANSFORMATION
From earlier reports (60,61), it was noted that 6 phase is a 
transition phase relative to the c l ' martensitic transformation. Any 
alloying element which stabilizes the austenite in Fe-Mn steel, may be 
beneficial to the s phase transformation provided the austenite is not 
stabilized too strongly. For example, as mentioned above, when a Fe-Mn 
alloy contains less than 10% Mn element, only c l ' martensite is present 
on cooling. With increasing Mn content, 8 martensite appears. For more 
than 15% Mn, a' martensitic transformation is completely suppressed 
and only 8 martensitic transformation occurs. Further increasing Mn 
content to 30%, e martensitic transformation is also suppressed and 
austenite remains stable to low temperatures. Carbon is a considerably 
stronger stabilizing element for austenite than manganese. If Fe-Mn
alloys contain 0.2% and 1% carbon, the 8 martensite is formed in the 
range of about 7.5% and 3.5% Mn (60). Furthermore, no phase 
transformation was observed in the austenite of Fe-20Mn alloy 
containing 0.6%C after quenching (61). This is a contradictory effect
of carbon on 8 martensitic transformation in Fe-Mn based alloys. A 
small amount of carbon can enhance the y—>£ transformation, but a 
considerable amount of carbon depresses the y->6 transformation. So it 
is a very interesting challenge to find an optimum composition which 
can both suppress c l ' martensitic transformation and produce the maximum 
amount of s martensite.
The effect of carbon on the y->6 transformation in Fe-Mn-Si alloy 
can be estimated by thermodynamic calculation. For the Fe-Mn-Si-C
system, the Gibbs free energy of the y and 8 phases can be described 
by a regular solution model (65). To a first approximation for y phase 
in Fe-Mn-Si-C alloys the model yields
where
^m Xfe ̂ Fe + XMn G Mn + XSi G Si + C 
+ RT(XpelnXpe + Xj^lnXj^ + XgilnXsi
+ XclnXc) + V m +
e  y y yG m = XFeXMnL FeMn + XFeXSiL FeSi
y y+ XpgXcL peC + Xĵ X qL
(4-1)
(4-2)
where the term °GT̂  is the Gibbs energy of pure component i in y 
phase; X^ is the mole fraction of the component i; is the excess 
Gibbs energy of y phase; i/̂ j is an interaction energy parameter for 
components i and j in y phase; and m g G fm is the magnetic ordering 
energy and has the following form taken from Hillert and Jarl (66)
= RTln(p + l)f( T ) T=T/Tn (4-3)
f(X ) = - [ (1/10 )T~5 + (1/315)T~15 + (1/1500)X-25]/A for X >1 
= 1 - {(79/140p)X_1 + (158/497)[(1/p) - 1)] 
x ( t3/2 + T9/45 + t15/200)>/A for x <1 (4-4)
A = (518/1125)+(11692/15975)[(1/p) - 1] (4-5)
where p is a structure factor which has a value of 0.28 for fee 
structure, p is related to the magnetic entropy and equals zero for 
nonmagnetic alloying elements in iron. Due to lack of available data, 
only the magnetic entropies of pure Fe and Mn in the y phase were
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selected as p = ( - 2.1XFe - l.SX^/'-S (67, 68). TN is the Neel 
temperature which was taken from data by Murakami (3).
Similarly, the Gibbs energy of 8 phase also can be represented by 
means of the same thermodynamic model as shown in Eq.(4-6). Since the 
Neel temperature of 8 phase is considered to be quite low compared 
with y  phase, the magnetic term was not taken into account.
G m = * f e ' G *  Fe + W 0“Mn + * S l ' G  Si + W ?C 
+ RT(XFelnXFe + K ^ l n X ^
+ XsilnXsi + jy.nX^ + (4-6)
ESubstituting Eq.(4-2) in Eq.(4-1) and the similar expression for 
in (4-6), the difference in Gibbs free energy between y  and 8 phases 
yields
= X F e ^ F e  + + « S i ^ S i  + W * C
y— y—>e
+ xFexMnAL FeMn + xFexSiAL FeSi
+ XpgX^L pec + xMnxCAL MnC “ ^ ^ m  (4-7)
y y—>E
Furthermore, taking ¿°G Fe from Hillert and Qiu (68), A°G ^  from
y vr V—
Breedis et al (69), A°g 1 si and ¿°G c from Saunders et al (70),
y yr Y—>E
al7 FeMn from Ishida et al (71), ¿L FeSi from Lacaze et al (72) and
y y—>E
Forsberg et al (42), ¿L FeC from Adler et al (73), and AL from
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Huang (74), by rearrangement of the equation (4-4), values of A g m 
in Fe-Mn-Si-C alloys at different temperatures can be obtained.
The following equation, which is similar to Eq.(4-7), was used to
calculate the difference of Gibbs energy between y  and 8 phases in 
carbon-free Fe-34Mn-6Si alloy
. Y—>e _ y-+e y-»e y-»e
m " XFeA G Fe + XMnA°G Mn + xSiA’G Si
y—>e y—>e ,
+ xFexMnAL FeHn + xFexSiAL FeSi ' ^ m  (4“8)
Using the data summarized in Table 4, the A cT  m in alloys Bl, B2, B3
and B4 at different temperatures were calculated and are shown in
. y->eFig.4-1. It is notable that the AG m values for alloys B2, B3 and B4
are significantly decreased. Furthermore, alloy B3 exhibits the lowest 
y—>EAg  m or the highest driving force for 8 martensitic transformation. 
This high driving force implies a high nucleation rate on 
transformation and is consistent with the observation of the formation 
of a large number of fine parallel plates (Fig.3-10). It is indicated
that 8 martensitic transformation in Fe-Mn-Si alloys can be enhanced 
by appropriately adding carbon and decreasing the manganese content 
and then lead to a good SME.
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Table 4 Free Energy and Interaction parameter Difference 
Between y  and 8
Free energy differences between fee and hep phases Ref.
(in J/mol, T in K)
A° G ^ 8Fe = -2243.4 + 4.31T (68)
Y-»e 9
AG Mn = 3990 " 3*39T + 0.005586T^ (69)
A°G^Esi = -1800 + T (70)
A°Gy->Ec = -5000 + 1.2T (70)
Interaction parameter differences between fee and Ref.
hep phases (in J/mol)
^ ^ F e M n  = -10878 + 22974*Mn (71)
ALY" % eSi = 1780 (42,72)
ALY_>8FeC = 42500 (73)









Fig.4-1 The changes of À G ^or manensitictransformation with temperature
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4.3. EFFECT OF CARBON ON THE STACKING FAULT ENERGY
Many investigative reports have paid attention on the influence 
of the stacking fault energy (SFE) on the y— martensitic 
transformation and the SME in Fe-Mn-Si based alloys (8,12,26,27). It 
is usually accepted that Fe-Mn-Si alloys have low stacking fault 
energy and stacking faults are easily formed (75). According to the 
stacking fault mechanism, the stacking faults can act as nucleation 
sites for 8 martensite formation, and then promote the y—>6 
martensitic transformation.
Both manganese and carbon affect the SFE . Volosevich et al (59) 
found in Fe-Mn alloys that the SFE decreases as the manganese content 
increases. Up to 22wt.%Mn, the SFE falls to a minimum and then 
increases quite steeply with further increase in manganese 
concentration. Schrairm and Reed (76) quantitatively described the 
dependencies of the SFE on composition in austenitic stainless steel. 
The SFE increases linearly with composition as follows
SFE= -53 + 6.2Ni + 0.7Cr + 3.2Mn + 9.3Mo (mJ/m2) (4-9)
Carbon is known to have a dual influence on the SFE in austenite: in 
small amounts it is mostly concentrated around stacking faults and 
then decreases the SFE; but in higher concentrations, the saturation 
of stacking faults by carbon atoms which have entered solid solution 
increases the SFE of the alloy. The effect of carbon on the SFE in 
austenitic stainless steel has been studied by Brofman and Ansell 
(77). The contribution of carbon to the SFE was 26 mJ/m by lwt.%C, a 
modest increase. It is noted that 0.1% carbon addition only increases
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the SFE by about 2.6 mJ/m . Compared with the contribution of 
manganese to the SFE (see equ.4-9), it is clear that the SFE of Fe-Mn- 
alloys can be decreased if the amount of manganese is reduced 
significantly at the same time as adding carbon.
According to a thermodynamic model of stacking fault energy 
suggested by Olson and Cohen ( 78 ), the SFE F  can be expressed as
r = 2pAAG7-* + 2a7"*' (4-10)
where A g7"** is the Gibbs free energy difference between the fee and 
hep phases, cr is the coherent fee— hep interfacial energy, which
% Ohas been determined as a f = 10±5 mJ/m for transition metals (78). 
Pa  is the planar packing density of a close-packed plane space (in 
moles/area) and equals the number of atoms per unit plane area. For 
the (lll)fcc plane
pA = (3X1/6 + 3x1/2)/(^3/2)a2N0 = 2.31/a2NQ (4-11)
where N0 is Avogadro’s number; a is lattice parameter. The lattice
cparameter of Fe-32Mn-6.5Si austenite is 3.581 A (79). According to 
Ref.(80), changes in Mn content have little effect on the lattice 
parameter of austenitic stainless steel and 1 at% carbon produces 
about 6.2x 10-3A of lattice parameter change. Then, using the data of 
Acf** from equations (4-7) and (4-8), and a value of 15 mJ/m for 
a7-*, the calculated values of stacking fault energy at 300K are 
plotted as a function of Mn content for the 0~0.5%C alloys in Fig.4-2. 
The result confirm that both carbon and manganese increase SFE of Fe-
9
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Mn-Si-C alloys and the effect of carbon on SFE is considerably 
stronger than that of manganese. It also shows that the calculated 
stacking fault energies of alloys B2, B3 and B4 are lower than those 
of alloy Bl.
The change in SFE will have a direct influence on phase 
transformation. As a result of low SFE, the nucleation becomes easier 
and more martensite can be formed. For example, the SFE of an Fe-20Mn 
alloy was found to decrease from 30 erg/an^ to 20 erg/an^ by the 
addition of 2 wt%Si and the amount of 6 martensite increased from 45% 
to 75% without changing the Ms temperature (81). Veda et al (82) also 
reported that alloys having low SFE favour y—>6 martensitic 
transformation more than deformation twinning, which predominantly 
takes place in alloys with higher SFE. Similar results were obtained 
in the current experimental work. The particularly high density of 
stress-induced martensite after a given level of strain (Fig.3-10) and 
a rapid increase of stress-induced martensite on training of alloy B3 
(Fig.3-18) can be associated with the particularly low SFE which has 
been estimated as above.
The SFE also controls the rate of work hardening of austenite, 
the frequency of annealing twins, the deformation and annealing 
textures, and the kinetics of recovery and recrystallization. All of 
these may influence the SME of Fe-Mn-Si based alloys. It is especially 
important to understand the effect of SFE on the deformation 
properties of solids (83). Generally, lower SFE leads to wider partial 
dislocation separation and hence planar dislocation slip. Higher SFE 
constricts split dislocations very easily, allowing cross slip to 
occur. As described in the previous section, the origin of the SME in
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Fe-Mn-Si based alloys depends on the reversible movement of Shockley 
partial dislocations on the {lll}fcc plane during forward and backward 
transformation. Once cross slip takes place during stress-induced 
martensitic deformation, it is impossible for the partial dislocations 
to return to their primary plane in reverse transformation and 
permanent deformation takes place. In contrast, a lower SFE opposes 
the constriction of partial dislocations and restricts the partial 
dislocations to slip on the primary shear plane where they are 
located. This means in turn that the route for motion of the Shockley 
partial dislocations is unique and reversible. Figure 4-3 shows the 
optical microstructure of alloy B1 after 5% reduction. It can be 
observed that some curved deformation bands were present which did not 
reverse on heating and which were not found in alloy B3.
It is well known that thermomechanical training can improve the 
shape memory effect of Fe-Mn-Si alloys. During training, the Shockley 
transformation partial dislocations are "trained” to move forward and 
backward in a reproducible way during forward and reverse martensitic 
transformation. According to the above discussion, one can conclude 
that if the alloy has a low stacking fault energy, cross slip or 
permanent deformation can be limited, and a good training effect can 
be expected. The training results for alloys B2, B3 and B4 are in 




Fig.4-3 Deformation bands in alloy B1 after 5% strain
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4.4. EFFECT OF MORPHOLOGY OF 8 MARTENSITE ON THE SME
It was observed from this experimental work that the widths of 8 
martensite plates are smaller and the SME is also appropriately 
increased as the carbon content increases for the Fe-Mn-Si-C alloys 
examined. Systematic investigations on the effect of microstructure on 
SME in Fe-Mn-Si based alloys have not previously been carried out. 
However, considerable interest has centred on the study of the 
intersections of various 8 martensite plates formed by deformation. 
Concerning the effect of such intersections on SME, three different 
opinions have so far been proposed: [1] nucleation and growth of new 8 
martensite variants (84), [2] formation of mechanical twins (85), and
[3] nucleation and growth of a1 martensite (25). Mode [13 is 
beneficial to SME, whereas modes [2] and [3] are unfavorable for a 
complete SME. In this experimental work, a* martensite was found to 
form at intersections of stress-induced E martensite in both alloys B1 
and B3, as shown in Fig.4-4. The formation of a' martensite will 
reduce the amount of stress-induced 6 martensite and obstruct the 
reverse transformation. Son^ results have verified that the formation 
of a f martensite at intersections is one of the causes of the lower 
shape memory effect in Fe-Mn-Si based alloys (21,25).
The nucleation of a ’ martensite is related to the morphology of 6 
martensite. Staudhanmer et al (86) reported that a minimum size or 
thickness of the intersection volume is required for the formation of 
a stable ot' martensite plate, as suggested also by Olson and Cohen 
(87). Investigation of deformed 304 stainless steel indicated that Ct’ 
martensite nucleates preferentially only at specific portions of the
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intersection formed by thicker 8 martensite plates or micro-shear 
bands (86). Embryos of a' do not form at intersections of very thin s 
plates or twin-faults, which have neither the requisite thickness nor 
the specific defect arrays. The implication is that since the 
intersections are unavoidable after deformation, alloys with thinner 8 
martensite will be favourable for SME because of the reduction of the 
formation of a* martensite during deformation.
It can be seen from Fig.3-18 that the smaller peak area which is 
relevant to a ’ martensite in alloy B1 increased with the increase of 
stress-induced s martensite (large peak area) on training. On the 
other hand, even though the stress-induced s martensite increased 
markedly during training for alloy B3, the small peak area was nearly 
unchanged. Since alloy B3 contained many thin parallel groups of e 
martensite plates after deformation (Fig.3-10), the result confirms 
that thin 6 martensite plates can efficiently suppress the formation 
of a' martensite. Thus, this morphological difference may be the one 
of the reasons for the improvement in SME through training of alloys 




Fig.4-4 ^ ’martensite formed at intersections of £ martensite plates.
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4.5. EFFECT OF CARBON ON THE MOVEMENT OF PARTIAL DISLOCATIONS
It has been reported for a Fe-24Mn-6Si alloy that the austenite 
matrix scarcely contains dislocations after thermal cycling between 
273K and 573K (20). The implication is that the partial dislocations 
move reversibly during the forward and backward transformation and the 
microstructure of the austenite does not change by thermal cycling. 
This observation is consistent with the present result for Fe-34Mn-6Si 
alloy for which phase transformation temperatures remained nearly 
unchanged after thermal cycling.
On the other hand, the Af temperature and the Vicker’s hardness 
of alloy B3 increased as the number of thermal cycles increased. 
These observations imply some barriers are introduced which act as 
obstacles for the reverse movement of Shockley partial dislocations. 
In order to overcome these obstacles, an extra energy is required. 
This extra energy can be supplied by the chemical driving force. Thus, 
the A± temperatures are increased. These obstacles may be Cottrell 
atomospheres formed by interstitial carbon atoms which migrate to 
partial dislocations or stacking faults on repeated y->e 
transformation. Interstitial carbon atoms also contributed to 
austenite stabilization, corresponding to the decrease in amount of 
transformation during thermal cycling . Similar phenomena were 
observed for Fe-Mn-C alloys (87). Comparing the changes of peak areas 
of alloys B3 and B4, it is clear that stabilization is enhanced by 
increasing the carbon content. However, if the stabilization is not 
too strong, the partial dislocations can be stimulated to action by 
external force. So alloy B3 still showed a better SME than that of Fe- 
34Mn-6Si alloy after thermal cycling.
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The detailed mechanism of carbide precipitation on the movement 
of partial dislocations was not clarified in this investigation. 
Kajiwara et al (88) have proposed that the precipitation of carbide in 
Fe-Ni-C alloys seems not to hinder the reversible movement of y/oc’ 
interface which is associated with shape memory effect. However, the 
presence of carbides will produce stress or strain fields , induce the 
formation of localized dislocations and also change the stored energy 
of the martensite. These factors are expected to influence the 
movement of partial dislocations. So, the amount of reverse 
transformation was immediately reduced after the first thermal cycling 
(Fig.3-13) and the SME was degraded (Fig.3-20) by the precipitation 
of carbides in alloy B4. Higher temperature was required to dissolve 
carbides during thermomechanical training in order to obtain a good 
training effect. Furthermore, a large amount of carbide precipitation 
at grain boundaries after aging led to a very brittle behaviour for 
alloy B4. From the practical viewpoint, the carbon addition to Fe-Mn- 
Si alloys should be less than 0.5wt%.
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CONCLUSIONS
The influence of carbon addition on 8 martensite transformation and 
shape memory effect in Fe-Mn-Si based alloys has been investigated. 
The main findings in the present study can be summarized as follow;
1. Carbon strongly decreases the y->6 martensitic transformation 
temperatures of Fe-Mn-Si based alloys. The addition of 0.3wt% carbon 
can reduce the Ms temperature by up to 120K. The phase transformation 
hysteresis (As-Ms) also increases with increasing carbon content.
2. Alloys containing carbon showed a higher shape memory effect than 
that of carbon-free alloy. Fe-19Mn6Si-0.3C alloy produced the best 
shape memory effect. The percentage of shape recovery was 90% after 2% 
prestrain and 80% after 4% prestrain.
3. Alloys containing carbon also showed a much better 
thermomechanical training effect than the carbon-free reference alloy. 
After three repetitions of 3% prestrain and annealing at 873K, Fe- 
19Mn-6Si-0.3C alloy reached about 97% shape recovery. Fe-17Mn-6Si-0.5C 
alloy showed about 3.3% recovery strain after four training cycles of 
4% prestrain.
4. The 6 martensite plates were thinned by the addition of carbon. 
This trend is favourable in terms of reduction of the amount of a ’ 
martensite formed at intersections of 8 martensite plates, thus 
improving the shape memory effect.
l
5. During thermal cycling, carbon atoms can migrate to partial 
dislocations and stacking faults to form Cottrell atmospheres which 
raise the Af temperature and the hardness of the matrix and decrease 
the amount of transformation. After aging, there was a large amount 
of carbide precipitation at grain boundaries in Fe-17Mn-6Si-0.5C 
alloy, which degraded the mechanical properties and reduced the shape 
recovery.
6. The results indicate that an appropriate carbon addition in Fe- 
Mn-Si based alloys to improve the SME should be less than 0.5wt%.
7. Thermodynamic calculations based on a regular solution approach 
confirmed that a small to moderate amount of carbon addition is 
favourable for e martensitic transformation in Fe-Mn-Si based alloys. 
Of the alloys studied, Fe-19Mn-6Si-0.3C alloy had the highest driving 
force for the formation of s martensite, which is consistent with the 
experimental observation that more stress-induced 8 martensite was 
produced by stress than for the other alloys under the same 
deformation condition.
8. Calculations of the SFE showed that both manganese and carbon 
increase the SFE of Fe-Mn-Si-C alloys. However, the SFE of Fe-Mn-Si-C 
alloys which have the same Ms temperatures can be decreased if the 
amount of manganese is reduced significantly at the same time as 
adding carbon.
9. On the basis of the favourable effects indicated in 7 and 8, it 
is concluded that carbon is an effective alloying element for 
improvement of the shape memory effect of Fe-Mn-Si based alloys.
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